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Review 
The mechanical failure of oxide scales 
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Simple mechanical models which could be used to calculate the stresses in an oxide scale on a flat 
metal substrate are presented. The sources for these stresses and the experimental techniques for 
measuring stresses and oxide failure are also briefly summarized. The options for stress relief in 
oxide scales are listed. The importance of lateral oxide growth and oxide plasticity is emphasized. 
Both processes result in stress relief without scale failure. This is followed by a detailed survey of 
the proposed mechanisms and models for oxide scale failure under tensile or compressive forces. 
Experimental evidence in support of these mechanisms is examined and the critical factors for 
predicting oxide failure are given, 

1. I n t r o d u c t i o n  
Components operating at high temperatures in 
aggressive environments have to withstand 
mechanical and chemical degradation arising from the 
operating conditions. The mechanical conditions 
require high static and dynamic strength at operating 
temperature. Chemical stability requires a high 
resistance against the attack of oxygen, sulphur, 
carbon, hydrogen, etc. 

Oxide scales are formed at the surface of metal 
components as a result of a reaction between metal 
and oxygen at elevated temperatures. Unlike other 
chemical reaction products, oxide scales can be 
beneficial in high-temperature applications because 
they can act as hard resistant surface layers which 
increase the wear resistance of the materials. Oxides 
are also chemically stable and act as diffusion barriers, 
which reduce the rate of further attack. However, in 
most practical applications these protective layers are 
stressed, either by externally applied loads, by oxide 
growth stresses or by thermal stresses induced by the 
mismatch of the thermal expansion coefficients of 
oxide layer and substrate. Oxide scales are prone to 
mechanical failure, because they are ceramic 
materials, and thus do not have the ductility of the 
underlying metal [1]. The diffusion barrier function is 
destroyed when oxide failure occurs which allows the 
oxygen to regain direct access to the metal. This has 
the most severe consequences when delamination and 
spallation of large areas of oxide exposes clean metal 
surfaces leading to a sharp increase in the oxidation 
rate and breakaway kinetics. 

It is almost impossible to achieve both good 
mechanical stability of the oxide and a low oxidation 
rate or a low rate of material consumption, because 

high mechanical stability requires good deformation 
properties, i.e. high creep rates. However, the creep 
rate is determined by the slower moving elements in 
the oxide, whereas the oxidation rate is determined by 
the faster moving elements. Therefore, the task is to 
arrive at the best trade-off between good deformation 
properties and low rate of material consumption in 
order to achieve a maximum component lifetime. 

There is a large body of published information 
available on oxides and oxidation of metallic 
materials. Most of this focuses on the oxidation 
behaviour of different alloys under specific conditions. 
In this review only publications on the mechanical 
stability of oxide layers were considered with 
particular emphasis on proposed failure mechanisms 
and models for prediction of failure. The stresses 
which cause failure were reviewed together with 
simple mechanical models which could be used to 
calculate these stresses. Stress-induced oxide growth 
and plasticity which bypass failure were also 
discussed. Finally , the merits of different techniques 
for measuring oxide failure were evaluated before the 
critical factors for the prediction of oxide failure were 
discussed. 

2. S t r e s s e s  in o x i d e s  
Surface oxides grown on metal substrates fail at 
a critical stress. It is possible to determine the stress 
by considering the mechanical deformation of  the 
composite. However, the oxide layer is commonly 
polycrystalline with varying grain structure, 
mechanical properties, inhomogeneous pore and flaw 
distribution and an indefinite interface between the 
metal and oxide [2-1. Furthermore, thin layers have 
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a strong local variation in thickness and external 
loading stresses are superimposed on to the complex 
internal growth stresses acting in the oxides [2]. It is 
clear that such a system is complex. Nevertheless, it is 
necessary to describe the mechanical deformation of 
an idealized layer on a metal substrate on the basis of 
simple assumptions in order to understand the failure 
mechanisms proposed in the literature and to create 
a starting point for more detailed models. 

In the following section, such a treatment of the 
mechanical stresses is presented for an idealized 
oxide/substrate system on fiat specimens. The 
consideration for oxide/substrate systems on circular 
specimens (i.e. tubes and wires) can be found elsewhere 
[2]. In addition, the sources of stresses in oxides and 
their measurement techniques are explained. 

2 . 1 .  S o u r c e s  o f  s t r e s s e s  in o x i d e s  

Growth stresses arise mainly from the volume change 
during formation of oxide. It is suggested that if the 
ratio of volume of oxide to that of metal which it 
replaces, i.e. the Pilling-Bedworth ratio, exceeded 
unity, the oxide grows under compressive stress, or 
vice versa. This only applies to oxide formed at the 
metal/oxide interface [3]. Growth stresses are mainly 
compressive because most materials exhibit a volume 
expansion during oxidation [4, 5]. However, there is 
still some discussion on how growth stresses develop 
from the volume change and how some of the stress is 
relieved during growth [6]. 

The other most common sources of stresses in 
oxides are thermal stresses due to cooling/heating or 
thermo-cycling as a result of differences in thermal 
expansion coefficients of metal and oxide [7]. Thermal 
stresses are also induced under thermal shock 
conditions or when a heat flow is removed [7]. 

Similarly the substrate geometry can cause stresses, 
in particular at corners [8, 9]. Finally mechanical 
stresses can arise in the oxide from axial loading or 
bending [7]. 

2.2. Mechanical models for stresses 
in oxides 

In the following analysis, plasticity and creep effects 
are disregarded and elastic isotropy is assumed. 

Growth stresses, crgr, are a result of volume change 
during growth, when the expansion of the scale, egr, is 
suppressed without plastic deformation of scale and 
substrate [2]. Thecondition of geometrical continuity 
and constraint for the composite system imposes 
mechanical stresses of opposite sign in both metal and 
oxide. The forces in metal and oxide must therefore be 
in equilibrium 

F~ = f f m A m  

= - -  Oo~ Aox (1) 

where the subscripts m and ox stand for metal and 
oxide, respectively, and ~ and A are the stress and the 
cross-sectional area, respectively. Under the condition 

of elastic oxide and substrate deformation it follows 
that 

~;gr = ~ox(1 -  Vox)- ~-~-m(1- V m ) ( 2 )  
i n  

where E is the Young's modulus and v is the Poisson's 
ratio which is ~ 0.3 for most metals and oxides 
during elastic deformation [10]. The condition of 
constant volume results in a Poisson's ratio of 0.5 for 
plastic deformation I-2]. 

Combining Equations 1 and 2, the stress in the 
oxide is 

ffox = ggrEox/IEox Ao_~x ( 1 -  Vm)-[-(1- vo,)l 
, E ~  Am 

(3) 

and in the substrate 

/F Em Am 
- -  Ot m = E ; g r E m / /  ~ ~-2(i - Vox) + (1 - vm)] 

(4) 

For very thin oxides or Aox/A,-, -* O, Equation 3 can 
be rewritten as 

Eox 
O'ox - -  - -  ~gr (5) 

1 --  Vox 

Cooling or thermal strains arise in each layer 
independently according to ethox = %x AT and 
I ~ t h m = ~ m A T ,  where ~ is the thermal expansion 
coefficient and AT is the temperature difference. Both 
are assumed constant throughout substrate and 
oxide. If different phases could expand and contract 
independently, such thermal cycling or cooling would 
induce no stresses in the system [4]. However, 
geometrical continuity imposes mechanical strains in 
both layers. Strain compatibility demands that the 
total strain in both layers is equal at the interface, or 
that [4] 

(~m-- %x) AT = ~o~ - Vox)- ~mm(1 - Vm) 

(6) 

The terms on the right side represent the mechanical 
strains which arise from the different expansion/ 
contraction of oxide and substrate. A comparison of 
Equations 2 and 6 shows that they differ only in the 
term on the left side, i.e. Equations 3-5 can also be 
used to calculate thermal stress when egr is replaced by 
(~m - %x)AT. 

The previous models were based on semi-infinite 
layers. However, actual oxide/substrate systems are of 
a finite length, I. The normal tensile and compressive 
forces within the layers may then be supported by 
opposing shear stresses at the interface. If stress relief 
due to fracture, creep, bending, etc., is ignored, the 
shear force, Fs, in a unit-depth cross-section of the 
oxide is [4] 

Fs = hoxcrox (7) 

where hox is the thickness. It can be balanced with the 
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shear stress, ~, at the interface which is 

fs  = z (x) dx 
j o  

- -  "(7max 1 (8)  
4 

assuming an elastic situation with the shear stress 
increasing linearly from zero at the middle of the 
interface to a maximum at the end [4]. The value for 
the maximum interfacial stress, r . . . .  follows using 
Equations 3, 7 and 8 

Zmax=4h~176 / (  J-~m~m 

(9) 

where e is either the oxide growth strain, the thermal 
strain or the applied strain. The interracial shear stress 
increases linearly with the oxide thickness for small 
values of Aox/Am according to Equation 9. Therefore, 
the thicker the oxide, the more likely is oxide spalla- 
tion via interfacial shear failure. It can also be seen 
that the oxide length, l, is a critical parameter which 
may vary from the dimensions of the alloy specimen 
itself, to the very small spacing between through-scale 
cracks or surface line defects (see also Section 3.3) [4]. 

Tien and Davidson [4] derived the radius of curva- 
ture, the bending stresses and the bending moment 
which arises if a heat flow from the hotter gas/oxide 
interface to the colder oxide/substrate interface is pre- 
sent. Such a moment is basically the mechanical ac- 
tion which can cause the oxide buckling phenomenon 
(see also Section 3.4). Because the oxide is constrained 
by the substrate a normal stress at the interface will be 
required to counteract the bending moment. 

It is also interesting to note that when multi-layered 
oxides exist, then neither heat flow, phase transforma- 
tions or non-homogeneities are needed for oxide 
buckling, because the differences in thermal expansion 
of the single oxide phases themselves will provide the 
bending moment within the multi-layer oxide scale 
[4]. For example, a double layered oxide should 
develop a radius of curvature, p, according to [4] 

1 6(-2 ,~)AT(I + ~ ) ~ / ( ~ F ~ ( l  + m~ 
p / ( L  

( + (1 + mn) m 2 + mnn (10) 

where m -- hi~h2, n = El~E2, and the subscripts 1 and 
2 refer to the different phases. 

As seen in Equation 10 stress calculation for multi- 
layered oxides requires a knowledge of the material 
parameters for each single layer. On that basis, mean 
values can be calculated treating the structure as 
a composite [11]. 

2.3. Measurement techniques for stresses 
in oxides 

There is currently no method available to measure the 
stresses in oxides during mechanical deformation [2]. 
X-ray strain analysis (X-ray diffraction) has been 

widely used to determine the residual and growth 
stresses present within the oxide scales. Other 
methods are based on the extension of a sample dur- 
ing oxidation or the deflection of a thin metallic strip 
oxidized on only one surface (deflection method) [12]. 

3. Options for stress relief in 
oxide scales 

The oxide/substrate system can accommodate strain 
by elastic deformation. If the elastic limit is exceeded, 
stress relaxation can take place by (i) stress-induced 
growth processes, (ii) plastic deformation of oxide 
and/or metal, and (iii) mechanical failure of the com- 
posite. Failure can start within the oxide, the substrate 
or at the interface by delamination [11]. 

3.1. S t r e s s - i n d u c e d  g r o wt h  processes 
Whisker formation is the m o s t  common stress- 
induced growth process and is caused by compressive 
stresses arising from growth or phase transformation 
[11]. Similarly, stress-induced lateral oxide growth 
can increase the critical failure strains during tensile 
loading with sufficient low-deformation rates [7, 13]. 
This was observed by Schfitze [13] on 18Cr and 24Cr 
steel during deformation with rates ~< 10 .6 s -1 at 
800~ The contribution of lateral oxide growth 
towards failure strains is difficult to assess. However, 
a first valuable attempt was made by Schfitze [14]. 

Importantly, both whisker formation and lateral 
oxide growth relax stresses and maintain the integrity 
of the oxide during deformation. 

3.2. Plasticity of oxide scales 
Plastic deformation of polycrystalline solids by dis- 
location glide requires five independent slip systems 
[15]. However, most of the oxides contain less than 
five independent primary slip systems [15]. Below 
a transition temperature, the stresses necessary to 
activate secondary slip systems are higher than those 
for the initiation of cracks. Therefore, below this 
transition temperature only elastic deformation of the 
oxide occurs before fracture, leading to extremely low 
fracture strains, unless a sufficiently high hydrostatic 
confining pressure is applied to prevent crack initia- 
tion and allow stresses high enough to activate sec- 
ondary slip systems [15]. 

Frost and Ashby [16] analysed a wide range of 
experimental data on the creep of ceramic materials 
and developed so-called deformation mechanism 
maps which summarize the information on the defor- 
mation behaviour of a material. These define ranges of 
dominance for the various deformation mechanisms 
as a function of applied stress and temperature and 
yield the resulting strain-rate values. In the maps, 
cracking is excluded by applying a sufficiently high 
hydrostatic pressure. 

Schfitze [15] developed deformation mechanism 
maps for oxides using the following fields: 

(i) plasticity, i.e. low-temperature plasticity due to 
the motion of dislocation only; 
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(ii) power law creep, i.e. glide plus climb of disloca- 
tions. The diffusion mechanisms of lattice diffusion or 
dislocation core diffusion were assumed to dominate; 

(iii) diffusional flow; mechanical stress can induce 
a diffusive flux of matter through (Nabarro-Herring 
creep) and around (CoNe creep) the oxide grains [15]. 

The equations that describe these mechanisms were 
taken from Frost and Ashby [16]. Schfitze [t5] also 
incorporated in these maps the critical stress, c~c, at 
which an oxide would fracture depending on the com- 
posite void size (see also Section 3.3), if no hydrostatic 
pressure is applied which would activate five indepen- 
dent slip systems. Therefore, plastic deformation of the 
oxide is only possible at stresses less than c~c. He 
obtained good agreement between experimental data 
and those from the respective maps for aluminium, 
chromium and nickel oxides [15]. He also argued that 
the low failure strain values, even at strain rates where 
creep can contribute to deformation, should not be 
surprising, because creep causes growth of the phys- 
ical defects by vacancy transport and vacancy conden- 
sation [15]. This increases the value of composite void 
size c and kr (the strain rate below which creep can 
occur) is decreased. If kr falls below the applied strain 
rate, k, sudden cracking occurs [15]. The void size can 
increase rapidly during creep due to an interaction or 
interlinkage of several coplanar physical defects lying 
close together [15]. The maps can be used to deter- 
mine the critical strain rate, ~,  below which creep can 
contribute towards the overall oxide deformation 
prior to failure. The high strains of 2% found in oxide 
grown on mild steel (13CrMo44) at 873 K when de- 
formed with a rate of ~ 10-s s-1 could be explained 
by plasticity [17]. At the same time, Berchthold et  al. 

[17] regarded lateral oxide growth as very unlikely in 
this case, because oxide growth occurred predom- 
inantly by iron diffusion. 

One of the important differences between a bulk 
oxide and an oxide scale seems to be the effect of scale 
crack healing which gives rise to a type of "pseudo- 
plasticity" of the scale under certain conditions [15]. 
Pseudo-plasticity can result from the combination of 
scale cracking and healing. At low s~train rates the rate 
at which the crack surfaces move apart is lower than 
the oxide growth rate within the scale crack. Thus, the 
oxidation processes close the crack more or less in- 
stantly [15]. Examples of the healing of through-scale 
cracks can be found elsewhere [13, 18, 19]. Repeated 
cracking and healing can result in subsurface de- 
pletion of protective scale forming alloying elements 
[18] and a method for evaluating this process has 
been suggested [14]. 

Another form of pseudo-plasticity is quasi "grain- 
boundary sliding" by microcracking, oxide grain 
movement, and healing [15]. The critical strain rates 
assessed for pseudo-plasticity lie above or in the upper 
range of strain rates encountered in long-term creep 
tests or under service conditions [15]. Therefore, it is 
not surprising that quite often macroscopically intact 
scales are observed even though the scale may have 
cracked several times [15]. 

Recent approaches suggest that microcracking can 
account for missing slip systems in brittle layers, e.g. 
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MgO [2]. Microcracking increases the creep rate but 
reduces the Young's modulus of the layer [2, 20, 21] 
giving the layer additional plasticity [20]. This in- 
creases the critical failure strain but only as long as the 
crack-tip stress fields of the uniformly distributed 
microcracks do not influence each other [11]. 

Finally, Barnes et  al. [22] have shown that sub- 
strate creep can relieve some of the cooling stresses 
depending on the cooling rate, the creep properties of 
the substrate and the ratio of the substrate thickness 
to oxide thickness. 

All the mechanisms given in this section add to the 
overall deformation that the oxide can undergo before 
macroscopic failure. Deformation mechanism maps 
and microscopic observation can identify whether 
these mechanisms were active under the test condi- 
tions. However, at present it is impossible to quantify 
the strain increment they add to the measured failure 
strains, which would be vital for accurate predictions 
of failure. 

3.3. Failure of oxide scales under tensile 
stress 

Evans [23] proposed a failure mechanism for oxides 
under tensile stress. Accordingly, first through-scale 
cracks develop at regions of high stress concentration, 
i.e. the oxide breaks up into a finite number of seg- 
ments (Fig. 1). Elastic stress relaxation in the vicinity 
of these cracks can reduce the local stress concentra- 
tion within the oxide segment. Plastic stress relaxation 
within the oxide is possible if sliding can occur at the 
oxide/metal interface [23]. The shear translation may 
induce fracture damage at the interface which could 
result in delamination and subsequent spallation [23]. 
Another mechanism producing plastic stress relaxa- 
tion is substrate yielding at the base of through-scale 
cracks [10]; however, this should not lead to interface 
delamination. The proposed failure mechanism was 
confirmed in a recent study of the tensile failure of iron 
and nickel oxide scales at room and at growth temper- 
ature using acoustic emission [24-26]. 

Linear elastic fracture mechanics has been applied 
to determine the critical failure strains under tensile 
stress. This is justified at temperatures where creep is 
not expected (T < 0.5Tm). Through-thickness cracks 
are likely to develop by propagation of pre-existing 
defects either within or at the surface of the oxide layer 
[1, 27]. The critical applied tensile strain, ec, needed to 
produce unstable crack growth is 

Kic 
~c - -  E F ( ~ c ) t / 2  (11) 

where K,c is the critical stress intensity factor, c is the 
size of the physical defect (length of a surface defect or 
half-length of an embedded defect) [15], E .is the 
Young's modulus and F is a numerical factor depend- 
ing on shape, size and position of the void. 

A second approach based on the critical energy 
release rate, Glc, was made by Armitt et  al. [7] and 
Robertson and Manning [10]. According to that, frac- 



I ~ ~  Oxide 
Substrate 

I I i Initial 
cracking 

Elastic stress 
relaxation 

II I I  / I  I Multiple / 
cracking 

---F-- Interface slip and / or 
E~-'~I II JL J substrateyielding Plastic stress 
x / ~ ~ / / ~ ~  at the base of relaxation 

through-scale cracks 

~ E ~ ' 3 ~ L - - - ' - ~  Interface 
" / ~ ~ ~ ~ / ,  delamination 

C-----3E---~C2EZ3L------3 
~ ~ S ~ ~  Spallation Figure 1 Schematic diagram of cracking and spallation caused 

by tensile oxide stress [23]. 

ture occurs when the energy release rate exceeds 
a critical value, Glc , which is related to the fracture 
surface energy, 7, by G~c = 2,/. This gives the following 
equation 

= ( 2,/ "y/2 (12) 
gc \F2nEcj 

Both approaches are related via 

K?c 
G,c = E (!3) 

for the plane stress condition. 
In general, two limiting cases govern the relation- 

ship between defect size and the thickness of oxide 
scale [28]: 

(i) the defect size is independent of scale thickness, 
thus the critical failure strains are independent of 
thickness; 

(ii) the defect size is directly proportional to scale 
thickness. 

Robertson and Manning [10] introduced a rela- 
tionship between the defect size, c, and the scale thick- 
ness, h, which is based on the second condition from 
above and has the following form 

c = 'k h (14) 

where k is a constant. 
Evans and Cannon [29] calculated the lateral 

extension of a crack initiated at tensile stress concen- 
tration sites, e.g. holes, pores, voids and concave undu- 
lations at edges. Stable crack propagation occurs 
when 

hc 2 ( K]c~ 2 
= 

0.6 ( KI~c~ 2 (15) 
\ Oox/ 

where K~c is the critical stress intensity factor of the 
oxide, Oox is the stress and h~ is the critical oxide 
thickness. This is effectively Equation 11 when c = h/2 
and with an F value of 1. 

A final approach to model the scale fracture was 
made by Grosskreutz and McNeil [30]. They assumed 
that the substrate deformed by crystallographic slip 
and that fracture of the oxide may occur at the slip 
step when the oxide is not strong enough to support 
the tension necessary to develop the peeling or de- 
lamination stresses. It was shown that fracture at the 
slip step is more likely in thinner films and a thickness 
of 0.05 gm was given as a dividing line between the 
fracture at slip steps and tensile fracture by equi- 
distant through-scale cracking for an anodized Al:O3 
layer. In addition, tensile failure strains of 0. t %-0.3 % 
were measured for 0.1-3.0gin thick films [30]. 
Schiitze [13, 18] investigated the tensile failure behavi- 
our of oxides on alloy 800, 18Cr and 24Cr steel using 
strain rates between 10-6 and 10-8 s-  ~ at 800 ~ The 
Cr/O3 layer on alloy 800 did not show lateral oxide 
growth and the failure strains were ,-, 0.1% when 
deformed with rates > 3 x  10 .7 s -1. Lower strains 
rates allowed some plasticity which increased the fail- 
ure strain to ~ 0.5%. However, strains of up to 2.5% 
were found with the scales on the 18Cr and 24Cr steels 
(containing 0.8 and 1.4 wt % A1 and 1.48 and 1 wt % 
Si, respectively) which showed lateral oxide growth 
and consisted mainly of Al:O3. 

Following the development of through-scale cracks, 
further stress relief in response to higher strains can 
proceed by [7]: 

(i) multiple cracking with pure elastic stress relaxa- 
tion; 

(ii) multiple cracking with interracial slip and/or 
plastic deformation of the substrate at the base of 
through-scale cracks; 

(iii) delamination at suitable interfaces. 

These different cases are discussed below. 

3.3. 1. Multiple cracking with pure 
elastic stress relaxation 

A first approach to determine the increase in crack 
density has been made by Grosskreutz and McNeil 
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[30]. They assume that the substrate deforms continu- 
ously, and regularly spaced cracks appear in the coat- 
ing. The spacing, L, at any strain, 8, is given by 

In - - e=  80 k ( 1 )  (~o)  (16) 

where Lo, 80 are any convenient set of data points. The 
constant k is expected to show a linear or parabolic 
dependence on the film thickness and must be deter- 
mined by experiment. 

A planar specimen which is undergoing thermal 
stressing has no shear stresses as long as there is no 
bending component. Important complications arise at 
the edges of specimens of finite dimensions (see also 
Section 2.2), but for the present such edge effects are 
ignored. There will also be, in reality, a transition zone 
at the oxide-metal interface where rapid changes in 
the sign of the stress will occur over short distances 
[31]. The stress state changes significantly once 
through-thickness cracks are formed because stresses 
now develop along the oxide-metal interface [27]. 

A first attempt to model the shear stress distribution 
along the oxide-metal interface was made by Tien and 
Davidson [4] which assumed a linear variation of 
shear stress with the maximum value at the interface 
next to the tensile cracks (see also Section 2.2). This 
gives a limiting crack spacing of 

4h 
L - Crox (17) 

rmax 

For stresses higher than Xmax or Cro~ fracture will occur 
at the oxide/substrate interface or within the oxide, 
respectively. 

Evans [27] reviewed this model, together with 
another which assumed a hyperbolic sine variation of 
the stress, and compared both predictions for a 10 lam 
thick Cr203 layer on a 400 Ixm thick stainless steel 
sample. The maximum shear stress predicted by the 
latter was an order of magnitude smaller than that 
predicted by Tien and Davidson for a crack spacing of 
100 t/m [27]. In addition, the stress normal to the 
crack surface drops to zero as soon as a through- 
thickness tensile crack has developed, thus the tensile 
stress will vary with position. Again Evans [27] has 
recently reviewed the two models. Again, he found 
a significant difference between the two predictions 
[27]. 

3.3.2. Interfacial slip and/or plastic 
deformation of the substrate 
at the base of through-scale cracks 

In thin films, interfacial slip provides an option for 
stress relief over a longer range than the purely elastic 
relaxation considered above. Armitt et al. [7] mod- 
elled this situation assuming the shear stress to be 
constant along the interface. This gave a limiting crack 
spacing, L, of 

2h ~ox 
L - (18) 

"Cy 

where ry is the shear yield stress of the substrate. Thus, 
cracking occurs over a range of stresses until the 
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spacing between cracks is of the order of the oxide 
thickness. Assuming that "Cy and Crox are of the same 
order of magnitude, the limiting crack spacing is 2h, 
which is half the spacing compared to the case of pure 
elastic relaxation (Equation 17). In fact, factor 2 in 
Equation 18 is only an integration constant ~> 2 
which depends on the assumed shear stress distribu- 
tion in the oxide. 

Another valuable attempt to analyse the stress dis- 
tribution and the interfacial creep processes after 
cracking has been made by Riedel [32]. He derived 
a continuum-mechanical equation for thin second- 
phase layers on deforming metals under plane stress 
condition, taking into account elastic and creep defor- 
mation, as well as stress-independent straining, such 
as thermal expansion. Linear and non-linear viscous 
sliding was also allowed at the interface. He used 
experimental data of Berchthold et al. [17] and creep 
data of Manning [9] to verify the equation. The crack 
spacing, L, was found to decrease with the applied 
strain rate as L = k(h/~) 1/2 for small strain rates. In 
this case kis a constant which has to be determined by 
experiment. Below a certain minimum strain rate no 
oxide scale cracking was predicted nor found. It was 
also concluded that sliding of the scale is controlled by 
stress-directed diffusion, leading to a linear viscous 
law rather than by dislocation creep in a thin interface 
layer, which would lead to non-linear viscous behavi- 
our. However, Barbeh6n [2] found later that the 
model cannot be used to predict the crack spacing in 
nickel oxide when deformed at 800 ~ 

Plastic deformation of the substrate at the base of 
through-scale cracks provides another option for 
stress relief after initial failure, if one considers the fact 
that stresses can only be applied to the scale through 
the metal substrate [10]. Hence, if the substrate itself is 
strained beyond yielding, no further stress can be 
applied to the scale. Thus, the strain in the substrate 
can increase, but the stress in the oxide segments 
cannot and the metal then accommodates the increase 
in strain by localized yielding at the base of through- 
scale cracks [10]. Hence only the crack surfaces move 
apart. This produces a regime of extended oxide ad- 
herence in which the oxide is discontinuous and non- 
protective, b u t  remains attached to the metal. In 
practice, the metal yield strain gives only an indication 
of the boundary of this regime as yielding is not 
a sudden transition [10]. It is gradual at high strain 
rates because of work hardening and at high temper- 
atures because substrate creep may reduce work hard- 
ening and facilitate interfacial slip [10]. 

3 .3 .3 .  D e l a m i n a t i o n  a t  s u i t a b l e  i n t e r f a c e s  
A final option for stress relief following through-scale: 
cracking is crack deflection along a suitable interface, 
thereby initiating delamination of some or all of the 
scale [7]. Cracks can develop either at the metal/oxide 
interface or parallel to it within the oxide layer. How- 
ever, the deflection of the crack will occur along the 
surface of lowest energy release rate, G~c [10]. 

Evans [27] reviewed the possible mechanisms for 
ttie crack deflection. Equation 9 suggests that the high 



shear stresses which develop at the oxide-metal inter- 
face in the vicinity of the crack tips can initiate a she~tr 
crack. Tien and Davidson [4] also state that once 
cracks in the oxide are initiated, I decreases and loss of 
adherence becomes more likely, i.e. nucleation is the 
more difficult stage. In contrast, Evans [23, 27] sug- 
gested a process of interfacial shear where the interface 
is expected to develop voids which produce sufficient 
weakening and which may lead to subsequent de- 
lamination. This mechanism is only likely if the shear 
creep strength of the interface is low. According to 
Evans, such a situation did arise in the presence of 
a thin silica interlayer or in cases where the segrega- 
tion of trace elements has produced a significant 
weakening of the interface. 

Other researchers have investigated the deflection 
of tensile cracks at interfaces. There is general agree- 
ment that the interfacial fracture energy must be less 
than the cohesive fracture energy [7, 33].  

An initial attempt to characterize the failure of 
oxide in the form of oxide failure maps has been made 
by Armitt et  al. [7]. The results of their work have 
been used in the subsequent work by Robertson and 
Manning [10]. They found that the thinnest scales fail 
in a ductile manner because the stress required to 
propagate a flaw increases as the flaw size decreases. 
As the scale thickness is an upper limit to the flaw size, 
reducing h increases (yr until it eventually exceeds the 
yield stress of the oxide, 13y [10"]. This defines the 
comminution limit of the material using Equations 12 
and 14 [10] 

27E 
h - F2rckG2y (19) 

In contrast to component testing, where failure 
occurs once the largest flaw has failed, the presence of 
a substrate allows an increasing strain to be applied to 
a scale even after initial cracking [10]. This allows the 
progressive exploitation of flaws in the scale. Also, as 
cracks are generated over a wide range of strain levels 
in the scale, the condition for failure is expected to be 
described by a spectrum of strain values (Fig. 2) [10]. 

Schfitze [34] established corrosion creep inter- 
action diagrams (CCID), which cover the whole range 
of strain rates and strain values required for creep, 

pseudoplasticity, etc., up to fast failure. So far, there 
have been too few data available to draw a complete 
CCID for a given material. The purpose of the maps 
was to find a way of illustrating the interaction of 
corrosion and mechanical factors in order to divide 
the whole process of materials degradation into differ- 
ent stages. Some of these stages can be tolerated in 
practical conditions, others not [34]. 

It can be seen from the previous analysis that the 
different proposed models for oxide failure under ten- 
sion are related to each other even though the starting 
point or the initial assumptions were quite different. In 
general, simple linear elastic fracture mechanics was 
used to predict failure except for very thin scales which 
might yield or fail at slip steps. The models for sub- 
sequent multiple cracking with elastic and plastic 
stress relaxation show considerable difference in the 
analysis, and processes such as substrate yielding at 
the base of through-scale cracks cannot be quantified 
at all. Several mechanisms were also proposed for the 
process of interface delamination. However, there a r e  
important issues which are yet to be resolved. 

Even though the problem of oxide failure in tension 
has been discussed in many publications, experimental 
data are very limited and when obtained mainly bulk 
oxides were used. Some data, however, are available 
on thermally formed scales using very low strain rates, 
~< 10 - 6  S-1 where lateral oxide growth or creep was 

possible [13, 17]. Even then there was no discussion of 
the oxide thickness or the void size which are both 
very important parameters. 

3.4, Failure of oxide scales under 
compressive stress 

Fig. 3 shows the observed failure mechanisms, 
together with the designation and the critical condi- 
tion for initiation. Cases B and E are similar, except 
that for Case E the oxide delaminates along a line of 
least cohesive strength within the oxide. In Case 
C a shear crack develops under 45 ~ as a result of shear 
failure. This failure mechanism was observed in NiO 
[2, 35]. In Case D the oxide delaminates as a result of 
grain-boundary sliding in the substrate adjacent to the 
interface. This can also lead to tensile failure as sugges- 
ted by Grosskreutz and McNeil [30] (see also Section 
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Figure 2 Schematic failure mode map for oxides tested in tension 
showing the different stages of the failure process. 
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Figure 3 Schematic diagram for different oxide failure mechanisms 
which were observed in oxides under compressive stress after I-2]. 
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3.3). Case A, termed Route I or wedging, was 
originally proposed by Evans [23]. It is 'characteristic 
of a strong interface and a weak oxide. Oblique shear 
cracks are initiated within the oxide. The sliding of the 
oxide along these cracks during further straining 
drives the oxide away from the substrate and finally it 
spalls off [23]. Case B, termed Route II or buckling, 
was originally proposed by Wells et al. [36]. It is the 
result of a weak interface and a relatively strong oxide 
[23]. An initial delamination originates along areas of 
loose interfacial strength, i.e. albng pores, voids and 
impurities. This initial delamination or buckle creates 
a driving force causing the delamination to extend in 
both directions along the interface. Tensile cracks 
develop when the buckle reaches a critical curvature 
and the oxide spalls off [23]. In both routes, the cracks 
parallel to the interface propagate along the area of 
least adhesive/cohesive strength, which can be either 
within the Oxide scale or along the substrate/scaie 
interface [10]. 

A first approach to understand the spallation pro- 
cess was made in 1948 by V. R. Evans. He proposed 
that oxide-metal debonding would occur when the 
strain energy within the oxide layer was equal to, or 
exceeded, the interfacial fracture energy. The idea has 
been developed by a number of researchers [4, 7, 10, 
23, 27, 37, 38]. 

The stored energy, W*, per unit volume of the layer 
is 

1 1 cr 2 
w* = ~ 1 ~ 1  +~cr2~2 = ~o~ (20) 

where cri and ei are the principal stresses and strains, 
respectively. Eox is the Young's modulus, Crox is the 
stress in the oxide and v is the Poisson's ratio of 
the oxide. The energy release rate, G~c, for cohesive 
failure is 

GIr heslve --- 27o~ (21) 

where Yo~ is the fracture surface energy value of the 
oxide and the factor of 2 accounts for the fact that two 
new surfaces were created. Equation 21 is applicable 
for Route I and Route II failure if delamination takes 
place, within the oxide [39]. If delamination takes 
place at the oxide/metal interface, the energy release 
rate, Glc, for adhesive failure becomes [37] 

ainterface 
lC ~-- (7ox Jr ~/rn - -  Yinterface) (22) 

where the subscripts, ox and m stand for oxide and 
metal, respectively and "/interface is the stored energy 
due to the constraints at the original metal/oxide 
interface. Because gTinterface contains contributions uIC 
from both the fresh oxide and the metal surface, it is 
not necessary to include a factor of 2 [37]. For Route 
I failure, Evans and Lobb [37, 38] derived the strain 
el "it to produce a single shear crack of the length ~ as 

I-- r 1 I~ nit = l -  uIC - -  1/2 
Lk~Eo~(1 - v) (23) 

where kl ('~ 1) is a factor related to the fraction of 
stored energy within the layer that is used for the 
fracture process. Spallation occurs only when the 
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shear crack is deflected at the interface, i.e. the oxide is 
driven away from the substrate by the wedging effect 
of the shear crack surfaces. Thus, a second criterion 
was required to account for the initiation of spallation, 
E~ pall [37, 38] 

e~Pa]l = L_kEEo-~f Gi~terface-- v ) ]  (24) 

where h is the oxide thickness and k:( ,-, 1) is the 
stored energy in the volume ~2h used in the fracturing 
process. 

Route II behaviour is also described by two equa- 
tions. In this case the first equation governs the ini- 
tiation of buckling and the second the initiation of 
spallation. 

Two aproaches have been made. In the first, the 
critical compressive stress to initiate buckling was 
approximated by that to produce buckling of a clam- 
ped, circular plate of radius R (which equates in this 
context to the radius of the initial decohesion). Thus, 
the critical buckling strain, eiiinit, is given as [40, 41] 

ginit = 1.22 ( h )  2 
II (1 2 v 2) (25) 

where 2R is the diameter of the initial decohesion. 
However, in order to initiate spallation without unsta- 
ble propagation of the buckled zone, it remains neces- 
sary for tensile cracks to develop at regions of high 
curvature within the buckle so that a fragment of the 
oxide layer can be released [41]. 

A second approach has been made by Wells et al. 
[36] who defined the spall criterion as that to initiate 
unstable propagation of the buckle. This is expected to 
give an upper limit to the spallation strain, e~ 'an, of 
[36, 37, 41] 

spall ( .1 .052h  4 1 .041Gic  ~ 1,2 
zu - ~, R 4 + Eoxh /I (26) 

where the value of G m depends on the energy release 
rate at the plane of delamination. The first expression 
in Equation 26 governs the initiation, and the second 
the spallation. A comparison of the second term with 
Equation 24 shows that they differ only by a numer- 
ical factor, indicating that spallation is governed in 
both cases by the propagation of a tensile crack at the 
interface [41]. Equations 25 and 26 also indicate that 
it becomes more difficult to buckle as the oxide thick- 
ness increases (Fig. 4). Furthermore, the presence of an 
initial delamination does not disturb the stress field 
until the oxide layer has buckled, i.e. a driving force for 
buckling must exist [41]. Such driving forces can be 
heat flow and thermal expansion of multi-layered 
scales [43 (see also Section 2.2). Likewise, composi- 
t ional changes in a single layer can cause differential 
stresses. 

Evans and Lobb verified their models in tests with 
20Cr austenitic steel oxidized at 1123 and 1173 K and 
controlled cooling (rate 86 K h-1). The mass gain 
during pre-oxidation up to 1500 h and during cooling 
was recorded using a microbalance. The tests showed 
cracking and spalling above a critical threshold mass 
gain or thickness. An initial increase in mass at the 
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beginning of cooling was interpreted as a loss of pro- 
tection of the surface film due to cracking [38]. The 
release of spalled particles occurred subsequent to this 
stage and so identified the process of spallation as 
Route I. This was supported by metallographic obser- 
vations showing inclined fracture surfaces in the re- 
maining oxide on the 20Cr austenitic steel containing 
0.56 wt % Si [42]. The strain, i.e. temperature drop at 
which spallation of 0.5% of the oxide occurred de- 
creased for all test conditions with increasing oxide 
thickness according to the predictions of Equation 24 
[23]. Evidence for Route II buckling was found in the 
spalling of oxide grown on an aluminide coating dur- 
ing high-frequency cyclic testing in a burner rig [36] 
and in 20Cr austenitic steel with low silicon-content 
[42]. Route I and Route II mechanisms were also 
found during compressive failure of brittle lacquer and 
iron oxide scales < 12 pm thick at room temperature, 
respectively [39]. Thicker iron oxide scales showed 
only interface delamination, but this was due to the 
particular oxide geometry [39]. 

The feasibility of Route I and II failure was also 
demonstrated by a finite element analysis undertaken 
on the same steel and test conditions by Evans et al. 

[41]. It was assumed that the oxide behaved elastically 
and the creep response was determined by the proper- 
ties of the substrate, In fact, the model which included 
creep relaxation agreed better with the experimental 
data and a value of 1-2 J m -2 was found for the 
fracture energy of the oxide-metal interface, which is 
one to two orders of magnitude higher than that 
expected for purely elastic deformation [41]. This 
suggested that the substrate creep properties deter- 
mine the rate of the interfacial crack growth. 

Robertson and Manning [10] used the geometrical 
approach of linear elastic fracture mechanics with 
K = o h 1/2 for a long crack below a strip of thickness 
h [10, 43]. Together with Equation 13, the critical 
failure strain, ec, becomes 

ac > \ ~ - j  (27) 

which corresponds to the model proposed by Armitt 
et  al. [7] and is very similar to the failure criterion 

under tensile stress. In addition, a comparison with 
Equation 24 shows that both agree up to a numerical 
factor, indicating that linear elastic fracture mechanics 
could be used to model interface delamination in 
oxides. However, the situation is more complex be- 
cause the tensile crack at the interface represents 
a crack showing partly elastic behaviour in the oxide 
and partly plastic behaviour in the substrate. At pres- 
ent, the situation at the Crack tip and its plastic defor- 
mation cannot be determined mathematically; only 
finite element modelling can be used to determine 
stresses and strains at the crack tip. 

Schfitze [44] criticized this model (Equation 27) 
because it does not take account of the size of possible 
defects at the interface or within the oxide. He used, 
therefore, a model which was originally proposed by 
Evans et  al. [31] to calctflate the interfacial strain that 
arises from the compressive loading of a wavy inter- 
face. Assuming that the substrate deforms plastically, 
i.e. Vm = 0.5, the maximum strain normal to the inter- 
face is [44] 

where c is the applied compressive strain, r character- 
izes the amplitude of the wavy interface, h is the mean 
scale thickness and m is a constant given by 
m = 2Eox/(1 + Vo@ Assuming the worst case, that the 
physical defect size 2c lies at the position of maximum 
interfacial strain, a combination of Equations 11 and 
28 gives the critical applied compressive strain 

~e --  F ( n c ) l / 2  1 + m (29) 

Tien and Davidson [4] proposed a simple buckling 
model for thin oxides by the way of critical buckling. 
From beam theory, a single beam which is pinned 
only at the ends can suddenly buckle at a point of 
instability when the axial compressive stress exceeds 
a critical value. However, this model appeared too 
crude an approximation for the situation of an oxide 
layer on a metal substrate. 

It was found by Evans et al. [23, 45] that continued 
cooling increased strain levels within the oxide layer, 
which led to further spallation. Such an increase was 
interpreted by different areas of the specimen surface 
reaching their critical energy value for spallation [23]. 
It was believed to be a result of the combined intrinsic 
variation in both fracture energy, G~c, and oxide thick- 
ness [45]. After fractional oxide losses of 30%-40% 
the spallation rate decreased due to stress relaxation 
in the residual oxide. This approach was quite differ- 
ent from the proposal of Schfitze [44]. It implied that 
G~c could vary within the oxide. However, Schfitze 
proposed that G~c is constant and that the variation in 
the critical strain energy to cause spallation was solely 
due to the void size. This is very similar to what was 
found in tension, but it would require a detailed as- 
sessment of the voidage at the interface which is diffi- 
cult to achieve. 

To date there has been little experimental data to 
stipport one or the other failure mechanism. Quite 
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often the results were only obtained in thermo-cycling 
or cooling experiments rather than under appfied 
load. Regardless of the different lines of thought, all 
proposed failure mechanisms have an initiation con- 
dition and a spallation condition. The spallation 
condition is, in all cases, the same. It requires crack 
propagation along the interface or within the oxide 
parallel to the interface. Reference to Fig. 3 and the 
preceding analysis shows that initiation can only oc- 
cur when the stress exceeds the shear strength of the 
oxide (Cases A and C), the buckling stability of the 
oxide layer (Cases B and E) or when the substrate 
yields (Case D). 

4. Measurement  methods for 
oxide scale fai lure 

To date, four different methods have been used to 
detect scale cracking. These were optical methods, 
thermogravimetry, vibration technique and acoustic 
emission. 

Optical methods, using a long focal length micro- 
scope and a stage having heating and loading facilities, 
can be used to detect scale cracking [14, 17]. However, 
the spatial resolution is only limited ( ~ 0.5 tam). Ther- 
mogravimetry is normally used to monitor mass gains 
during oxidation in order to measure rates of oxida- 
tion. It can also reveal through-scale cracking which 
manifests itself in a sharp increase in mass or oxida- 
tion rate and scale spallation which produces a sudden 
mass loss [38]. However, it is restricted to metal/oxide 
systems where mass changes caused by scale cracking 
can be readily detected [3]. The vibration technique 
monitors the change in the natural frequency of a 
freely suspended specimen. The natural frequency of 
the specimen depends on the oxide and substrate 
dimensions, i.e. stiffness. Therefore, monitoring the 
natural frequency changes can yield information 
about the oxide thickness [46]. It can also be used to 
detect the onset of scale cracking, because crack 
formation results in a reduction of stiffness of the 
composite system and hence a discontinuity in the 
resonant frequency is observed. Continued cracking 
would result in a continual decrease in the recorded 
frequency [3]. Should scale repair occur, then 
a changein frequency is observed with the frequency 
recorded after repair approaching that observed be- 
fore cracking. However, this technique is limited to 
simple rod-shaped specimen geometries and requires 
care in preparing and setting up the specimens [3]. 
Acoustic emission (AE) has been known for many 
years as a remote monitoring technique which can be 
used to record acoustic waves generated by the sudden 
release of strain energy during plasti c deformation or 
cracking. Detection of fracture processes at high tem- 
peratures can be achieved by placing the transducer 
away from the source of emission, e.g. outside the 
furnace. AE can be monitored automatically, is not 
limited to particular specimen geometries and has 
similar sensitivities to scale cracking (Fig. 5) [3, 47]. 
It has recently replaced the vibration technique as 
a route to measure in situ early scale failure [18, 24-26, 
47-50], although, an additional advantage of the vi- 
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Figure 5 Schematic diagram showing the response to breakaway 
oxidation. (a) Normal oxidation, (b) initial cracking, (c) Continued 
cracking and crack repair [3]. 

bration technique is that the Young's modulus can 
also be determined in situ [3]. 

5. Discussion of critical parameters 
for prediction of oxide scale fai lure 

The preceding analysis demonstrated the critical para- 
meters governing tensile and compressive oxide fail- 
ure. These are the Young's modulus, the fracture 
surface energy of oxide and interface, the composite 
void size, the overall state of stress, the effects of lateral 
oxide growth, plasticity and creep of oxide and sub- 
strate. 

Table I gives a summary of oxide parameters. It also 
demonstrates the scatter of the values found in the 
literature. Young's modulus values and surface energy 
values have recently been provided by Robertson and 
Manning [10]. A value of 0.04 nm for 7/E was given 
for a range of polycrystalline ceramic materials and 

Varied between 4 and 40 J m- 2 [7]. The relationship 
between 7 and E was also found by Robertson and 
Manning [10] for polycrystals, but with a constant 
value of 0.02 nm. 

In all models, spalling will occur along the surface of 
lowest energy release rate, G~c, which can be either 
within the scale or along the scale/metal interface. 
This leads to the question of whether or not the 
interface is intrinsically weak [10]. Robertson and 
Manning [10] have pointed out that the scale/metal 
interface is intrinsically strong on an atomic scale and 
models for estimating the increase of the interface 
surface energy with increasing interface roughness 
have been proposed [10, 51]. On the other hand, the 
scale/metal interface is also a site for segregation of 
elements which are relatively insoluble in the scale or 
for oxides which have the highest thermodynamic 
solubility at low oxygen partial pressures, e.g. SiO 2 



TABLE 1 Summary of oxide parameters from various references. 3'th is the theoretical surface energy which was calculated using Coulombic 
potentials and allowing for some relaxation of atomic positions at the surface [10]; O~oo~ is the cooling stress 

Material Temp. Young's Growth ~,.~a= Surface Reference Notes 
(~ modulus stresses (10 -6 K -x) energy 

(GPa) (MPa) (J m- 2) 

Oxide on Armco iron 500 192 
600 178 
700 164 [54] 
800 151 
850 144 

Fe20 3 20 220 13 6.0~ 
F%Oa 20 210 12 4.5j~ [10] 
FeO 20 130 15 3.0 
Fe203 20 122 "] 

205-266 t [7] (from 
Fe304 20 140-260 various refs) 
Fe304 + 200/0 Fe203 20 61-84 
FeO 570-800 190-120 
FeO 20 128 
FeO 600-900 75 
Fe304 + Fe203 500 • 100 [55] 
NiO 20 220 - 400 1.03 [5] 

(~oxl~) 
17.1 NiO 20 190 

NiO 900 

NiO 900 

3.6 [10] 

335 1 300 
240 [56] 
t85 
85 

• 17.6 [57] 
0.82 

( % x / ~ )  

0.2% C steel 

Yth = 2-2.3 
~th : 1.5--2.2 
"~th : 0.94 
Scale 
Bulk oxide 
Scale 

Mainly FeO 
Bulk Oxide 
Mainly FeO 

~tth = 1.15--2.77 
5.4 Ixm 
12.1 pm 
18.1 gm 
25.2 gm 
32. lam 
Cr~oo~ = 0-500 MPa 

with respect to a Cr203  scale [10]. Similarly, sulphur 
segregation was assumed to have a negative influence 
on the interface strength [29]. It is difficult to separate 
each of these aspects at the present state of experi- 
mental knowledge [10, 14]. 

Evans and Lobb [38] obtained an interfacial energy 
value of 5.8 Jm  -2 for a CrzO 3 layer on 20Cr aus- 
tenitic steel. Evans and Lobb [45] also gave an aver- 
age value of about 40 J m -  2 for 50% spallation for the 
same oxide and a value of 1-2 J m-2  which was ob- 
tained by a finite element analysis [41]. A value of 
11.5 J m-2  for G~c was found for a fractional loss of 
50% for the outer layer scales (Fe203) on Type 316 
steel [7] and it was assumed that it is the same for 
ferritic and austenitic steels. Robertson and Manning 
[10] also obtained good results assuming an idealized 
interface with a surface energy value equal to that of 
the oxide, i.e. /2adhesive (2_eohesive and methods for u I C  = u I C  
measuring '-qc(2interface have been suggested [14]. 

So far, little at tention has been directed towards the 
effects of  voids within the oxide or  at the oxide/metal 
interface on the failure process, a l though it is an im- 
por tan t  factor in all the quoted models for through-  
scale cracking and spalling. Recently, a method for 
evaluating the composite void size in an oxide con- 
taining mu l t i p l e r andomly  scattered voids and pores 
was proposed by Hancock  and Nicholls [1]. The 
analysis follows guidelines used for the assessment of 
defects in welds and requires that each defect is 
idealized and compared  with its neighbours to assess 
whether the interaction conditions apply (Fig. 6). 
Interacting defects are considered as a single defect 
and the assessment procedure continues, until a single 
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Effective dimensions 
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Figure 6 Planar defect interaction rules [!]. 
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composite equivalent defect results for the scale. The 
composite defects are normally expected to be of a cer- 
tain size, which is a proportion of the oxide thickness, 
but infinitely long because interaction will occur in all 
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directions. Therefore, a shape parameter, Q0 (which 
accounts for the ratio of void thickness to void length), 
and a membrane correction factor, Mm (which ac- 
counts for the ratio of void size to overall size) have to 
be determined from the respective graphical repres- 
entation of the functions of (2o and M m. This allows 

to be determined via 

cM~ 
n d  = Qg (30) 

where ~ is an equivalent crack length, which represents 
the half-length of an idealized through thickness crack 
as shown in Fig. 7a which would have the same effect 
as the measured defect. Hence, a plot of the failure 
stress, ~ ,  as a function of 1/(re0) t/2 should have Kic as 
slope and an intercept value which represents the 
residual stress. In this way Hancock and Nicholls [1] 
provided values of Kic for F e O / F % O ,  on iron and 
CrzO3 on Nimonic 75 ( ~  Ni-20%Cr).  For  both 
cases, K~c Was insensitive to temperatures below 
873 K, with a value of about 1.7 MNm-3/2 ,  but in- 
creased at higher temperatures. 

However, the determination of M m required a very 
long extrapolation by a factor of 3 or more in the 
graphical representation. It was believed that this pro- 
cedure involves too large an extrapolation for use with 
thin oxide layers because the procedure was developed 
for much larger structures, > 10 mm thick. Therefore, 
a slightly different approach was used, Nagl e t  al. [25, 
26]. The interaction was considered critical only in 
the direction normal to the applied strains. Thus, the 
composite void size, c, could be obtained directly 

,without extrapolation (Fig. 7b). However, the Klc 
values are expected to be smaller than those obtained 
with the extrapolation. In fact the observed Kin-value 
for a F%O4/20% FezOa scale on mild steel was 

1.1 M N m  -~/z at room temperature and at 823 K 
[25]. The values for nickel oxide were ~ 0.41 and 
~ l . 6 1 M N m  -3/2 at room temperature and at 

1173 K, respectively [26]. In both cases the tensile 
strain rate was ~ 1 0 - 4 s - L  Fig. 8 also shows the 
measured failure strains for iron oxide on mild steel as 
a function of oxide thickness and composite voids size 
[25]. The failure strains decreased with increasing 
oxide thickness. Similar observations were made by 
Hancock and Nicholls [1] and they thought that this 
was due to the higher probability of finding larger 
composite defects in thicker oxides. However, the data 
showed considerable scatter because the com- 
posite defects size was different in different samples of 
the same oxide thickness, i.e. the composite void size 

ide 
tal 

/a) 

2 c  

E 

(b) : : 

[Oxide 
Metal 

Figure 7 Schematic diagram of (a) the idealised through-thickness 
crack in the surface oxide and (b) the crack size which was used by 
Nagl et al. [25, 26] without applying the extrapolation. 
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Figure 8 Measured failure strains as a function of (a) thickness and 
(b) composite void size for iron oxides tested in tension at (--&--) 
room temperature and at ( - - � 9  550 ~ using a strain rate of 

10-'~ s -1 ' 

Cooling strain 
" " I F - . . ~  

was not proportional to oxide thickness. Therefore, 
the failure strains were also plotted as a function of 
composite void size. This reduced the scatter consider- 
ably and the data followed closely the power law of 
the model predictions [25]. Thus, it seems apparent 
that the defect size is a crucial factor for the determina- 
tion of the strength of oxide and this was also ob- 
served by Birchall e t  al. [52] for cement and by Rice 
[53] for bulk ceramics. It was also suggested that 
a major role of active element additions is to reduce 
the macro,defects present within the oxide scales with 
consequent benefit on scale adherence and spalling 
resistance [3, 10]. 

The last critical factors are the overall state of stress 
prior to the loading and the amount  of lateral oxide 
growth, plasticity and creep of oxide and substrate 
during loading. Thus following relationship between 
the failure strain, eo (which is calculated on the basis 
of a linear elastic fracture mechanics approach for 
a stress-free material) and the measured failure strain, 
em, was used in [26] 

•c = ~m "}- I~gr Jr" ecool  "}- e p l  -~  f l a t  (31) 

where %, is the growth strain, ~ooo] is the cooling strain, 
%1 is the strain compensated by time-dependent creep 
and ~[,t is the strain compensated by lateral oxide 
growth which is only expected during deformation in 
tension [13]. ~pl and I~la t always act to increase the 
measured failure strain, hence they always have to be 
inserted with an opposite sign to am. The amount of 



lateral oxide growth or plasticity cannot be deter- 7. 

mined at present, but it is possible to define the min- 
imum temperature and the maximum strain rate 

8. 
below which they might contribute to failure (see also 9. 
Sections 3.1 and 3.2). However, there are methods 
available to determine ~gr and ~eool o Good agreement 
between measured and calculated strains was found in 10. 
by Nagl et al. 1-25, 26, 35] using Equation 31. Hence, 

11. 
the difference between the failure strains at room tem- 
perature and at 823 K (Fig. 8) was assumed to be 
a measure for the cooling stresses [25]. 

12. 
13. 
14. 
15. 
16. 

6. Conclusion 
The preceding survey showed that there have been 17. 

several attempts to model oxide failure. There has 
been general agreement for using fracture mechanics 
to model failure. The critical fracture mechanics 18. 

19. 
parameters are the Young's modulus, the fracture sur- 
face energy of oxide and interface and the composite 
void size, which has been ignored until recently. How- 
ever, the fracture mechanics models take only account 20. 
of the linear elastic part of the deformation prior to the 
failure. Thus, it is necessary to include in any model 21. 
factors which account for the effects of residual growth 22. 

and cooling stresses prior to loading and factors which 
account for lateral oxide growth and creep of oxide 23. 
and substrate during loading. In addition, the full 24. 
potential of the models has not been explored because 
reliable data were not available for the critical para- 
meters in the models, nor were measured failure 
strains available which could be used to verify the 
predictions. Certainly, the difficulties involved in 
measuring these parameters at growth temperature 
have contributed to the lack of data. 
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